Dislocation model of strain anisotropy is presented. The dislocation theorem of strain broadening is suggested which means that strain broadening can only be caused by dislocation-type lattice defects. Based on this theorem strain anisotropy is modeled and accounted for by assuming that strain broadening is caused by dislocations or dislocation-type lattice defects. The effect of strain anisotropy is summarized in hkl dependent dislocation contrast factors, which can be either averaged over the permutations of hkl indices or are different for each different reflection. The dislocation model of strain anisotropy provides a powerful tool to analyze slip activity, Burgers vector populations, and plasticity on the basis of line profile analysis.
INTRODUCTION
Strain anisotropy means that neither the FWHM nor the integral breadths in a Williamson-Hall plot, nor the Fourier coefficients in the Warren-Averbach plot are monotonous functions of sinθ or (sinθ) 2 , respectively. The observation goes back to the pioneering work of Stokes and Wilson [1] , who even attempted a dislocation based interpretation to the phenomenon. Dislocations in the 1940s were, however, only a concept, vaguely proved by etch-pits, and not having been seen until about 1954 in one of the first operating transmission electron microscopes of the Oxford group. This is probably the reason why in the papers of Warren [2] and Warren and Averbach [3] in the late 1940s and early 1950s about strain broadening that the concept of dislocations does not appear. Strain anisotropy appears with more emphasis in crystallographic studies, however, more like a difficulty than a virtue [4] , since it disturbs structure determination, especially by the Rietveld method. The anisotropic effect of dislocations in X-ray line broadening appears again in the works of Krivoglaz [5] and Wilkens [6] , who were, however, metallurgists, therefore did not care too much about strain anisotropy in whole diffraction patterns. A breakthrough in the interpretation of strain anisotropy based on a dislocation model could have come by the three consecutive papers of Kužel and Klimanek [7] [8] [9] . They realized that strain anisotropy is closely related to slip activity, however, both, slip activity and Burgers vector populations in hexagonals are so complicated that this work could not be sufficiently conclusive to convince readers about the usefulness of a new approach in X-ray line broadening. The dislocation model of strain anisotropy in cubic crystals seems to have been more convincing, probably because it is so much simpler than in the case of hexagonals [10, 11] . Now it is generally accepted and incorporated into whole profile methods by using uniform strain profiles scaled for hkl dependence by dislocation contrast factors [10] [11] [12] [13] [14] [15] [16] .
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Usage is restricted for the purposes of education and scientific research. DXC Website -www.dxcicdd.com ICDD Website -www.icdd.com diffraction peaks just slightly broader than the peaks of the undeformed or annealed counterparts [17] . In the first experimental and theoretical considerations, the breadths, either the full widths at half maxima (FWHM) or the integral breadths (β), of diffraction peaks were investigated. Wilson published four papers with different coauthors between 1944 and 1952 with the attempt to provide a theoretical background for experimental observations [18] [19] [20] [21] . In Stokes and Wilson, "The diffraction of X rays by distorted crystal aggregates -I" [18] , the order dependence of strain broadening is suggested as
where β is the integral breadth if only strain broadening is present. Here A and B are constants and
The same paper is finished with this sentence: "This equation is verified within the rather large experimental error for metal filings and wires. Details of the experimental work will be published elsewhere." Unfortunately, these details were never published, and Stokes and Wilson never appeared again as coauthors.
A remarkable letter to the editor was published in 1949 by Hall [22] . A large number of breadth data are compiled in a figure, reproduced here as Figure 1 . The kind of representation has become known and used as the Williamson-Hall plot [23] . The numbering in the figure means (1) aluminum filings [24] , (2) Cu filings [25] , (3) Cu filings [26] , (4, 5, 6) Cu sheet reduced to 20%, 60%, 99.5%, respectively [27, 28] , (7, 8) Rhodium filings [29] , and (9) Martensite rod [30] . In this letter, Hall suggests the equation, which has become and is used as the Williamson-Hall equation,
where β is the "line breadth" (either FWHM or integral breadth), θ is the angle of diffraction, λ the X-ray wavelength, ε is "interpreted as a measure of the volume of regions in the lattice which diffract coherently," and η is the "effective" strain (citations from [22] ). Based on several references [30] [31] [32] , it is claimed that "for a commonly occurring line shape the breadths are additive," i.e. β = β P + β S , where β P and β S are the breadths corresponding to "particle" size and "strain," respectively (citations from [22] ). Today we know that "commonly occurring line shapes" do not comply with the simple addition rule [33] . Nevertheless, in the same letter it is claimed that "in anisotropic metals the strain distribution is not the same for different crystallographic planes, and a relationship of the type
is frequently a better representation of the experimental breadths" (citation from [22] ). Here E hkl is the hkl dependent Young's modulus and σ is the "Laue breadth of the stress distribution function, which is assumed to be independent of direction" (citation from [22] ). Obviously, σ is proportional to the mean square strain.
The above brief literature research shows that the anisotropic hkl dependence of strain broadening was well known right at the beginning of line broadening studies, however the appropriate microscopic model was not yet available.
WHAT IS STRAIN ANISOTROPY?
Strain anisotropy is related to strain broadening of diffraction peaks. According to fundamental scattering theory, size broadening is uniform whereas strain broadening increases in reciprocal space [2] . This would mean that the peak breadths in a Williamson-Hall plot [23] or the Fourier coefficients in the Warren-Averbach method [2] would have to increase (1) aluminum filings [24] , (2,3) Cu filings [25, 26] , (4, 5, 6) Cu sheet reduced to 20%, 60%, 99.5%, respectively [27, 28] , (7, 8) Rhodium filings [29] , and (9) Martensite rod [30] ; (b) Wagner plot of ball-milled tungsten-carbide [34, 35] .
or decrease monotonously, respectively. Strain anisotropy means that neither the breadths in a Williamson-Hall plot nor the Fourier coefficients in the Warren-Averbach method increase or decrease monotonously as a function of g or g 2 , respectively, where g is the absolute value of the diffraction vector. The Wagner plot [34] (similar to Williamson-Hall plots) of integral breadths is shown for ball-milled tungsten-carbide [35] in Figure 1 [38] . It is interesting to note that the Williamson-Hall plot of strongly deformed iron [39] is qualitatively similar to that of mechanically alloyed Fe 80 Cu 20 [36] . Typical Warren-Averbach plots of inert-gas condensed nanocrystalline Cu [11] and ball-milled galena (PbS) [40, 41] are shown in Figure 3 . In all Williamson-Hall and Warren-Averbach plots it can be seen that the breadths or the Fourier coefficients are changing anisotropically in terms of g or the hkl indices, however the global increase or decrease is also seen indicating the presence of strain.
Strain is often evaluated by ignoring strain anisotropy and considering only the breadths or Fourier coefficients of higher-order values. In the case of ball-milled tungsten-carbide [34] , e.g. strain was evaluated from the breadths of 100 and 300 reflections. As it is seen qualitatively from the Williamson-Hall plot in Figure 2 (a), the gradual increase of strain with ball-milling period is guaranteed by the increasing slopes of the breadth increase corresponding to the 100 and 300 reflections. Warren also suggested ignoring strain anisotropy for the evaluation of strain from Warren-Averbach plots [2] . It was suggested that, e.g. in cold worked fcc metals or alloys, the Fourier coefficients corresponding to the 200 and 400 reflections should be evaluated. It can be shown that such an evaluation yields even wrong size values in conflict with others, especially transmission electron microscopy (TEM) results [11] . [36] , (c) Rb doped C 60 fullerene crystals [13, 37] , and (d) MgSiO 3 perovskite synthesized at 23 GPa and 1800 °C [38] .
THE DISLOCATION THEOREM OF STRAIN BROADENING
Before embarking on the dislocation model of strain anisotropy, it is shown that the most genuine source of strain causing strain broadening are dislocations or lattice defects whose strain fields are similar to those of dislocations. The most common sources of strain are: (a) dislocations, (b) stacking faults, (c) twin boundaries, (d) microstresses, (e) long-range internal stresses, (f) grain boundaries, especially triple junctions, (g) sub-boundaries, (h) internal stresses (i) coherency strains, (j) sinter stresses or strains acting between adjacent particles, (k) chemical heterogeneities, (l) point defects, (m) precipitates, or (n) inclusions. Strain broadening in the classical sense, as it is known in line broadening, comprises only strain caused by dislocations, microstresses, grain boundaries, especially triple junctions, sub-boundaries, coherency strains, and sinter stresses, i.e. (a), (d), (f), (g), (i), and (j). Planar defects, i.e. (b) and (c), can be shown to cause hkl dependent complicated size-type broadening [42] . (e) and (h) are stresses or strains which are homogeneous over different length scales causing line shifts [43] , or in special cases asymmetric line broadening [44] [45] [46] [47] . Chemical heterogeneities, i.e. (k), can produce peculiar line shape, line broadening, or both, which always needs special treatments [48] . Point defects, precipitates, or inclusions, i.e. (l), (m), and (n), have short range strain fields and, because of reciprocity between the length scales of crystal and reciprocal space, scatter far from the fundamental Bragg reflections, contributing to diffuse scattering [49, 50] . Figure 3 . Typical Warren-Averbach plots of (a) inert-gas condensed nanocrystalline Cu [11] and (b) ball-milled galena (PbS) [40, 41] .
On the basis of the spatial dependence of their strain fields, the different lattice defects can be sorted into three fundamental categories: (1) lattice defects with short-range strain fields; these are the point-defect type lattice distortions, i.e. (l), (m), and (n), (2) lattice defects with longrange strain fields; these are the dislocation type defects, i.e. (a), (d), (f), (g), (i) and (j), and (3) defects with homogeneous strain fields; these are the planar defects, i.e. (b) and (c). The effect of chemical heterogeneities, i.e. (k), depends on the specific spatial distribution of impurities or alloying elements, therefore it can be any type of the three. Krivoglaz sorted lattice defects into these three different types or classes: point-, linear-, and planer defects, and pointed out that the strain fields of these defect types decay as 1/r 2 and 1/r, or is constant, respectively [51] . Because of the reciprocity between crystal and reciprocal space, the scattering related to point defects is extended far from the fundamental Bragg reflections, that of dislocation type defects is clustered around the fundamental Bragg reflections, and planar defects, especially stacking faults and twin boundaries, cause lattice parameter changes or shifts of Bragg reflections, especially shifts of partial sub-reflections [2, 42, 52, 53] . In summary, the primary defect type causing strain broadening are dislocations.
There is also a one-to-one correlation between the long-range strain field character and the linear-type, i.e. dislocation type, lattice defects. Only linear defects can have long-range strain fields, and long-range strain fields can only be produced by linear-type defects. This theorem has strong consequences on the effect of scattering, especially line broadening and strain broadening. Since strain broadening, in the classical sense, is the broadening of fundamental Bragg reflections within the adjacent vicinity of the Bragg reflections, this scattering effect is intimately related to the scattering caused by long-range strain fields, and therefore it is caused by lineartype defects, i.e. dislocations. This theorem is considered as the basis for the dislocation model of strain broadening and finally, for the dislocation model of strain anisotropy. 
THE DISLOCATION MODEL OF STRAIN ANISOTROPY
As it was shown before, even at the very beginning of X-ray line profile analysis, several attempts were done to interpret strain broadening by assuming that strain is caused by dislocations [1, 18, 21] , especially when "diffraction by a crystal with an axial screw dislocation" is evaluated (citation from [21] ). It turned out later that the effect of a single dislocation in an infinite crystal is exactly zero. Just like, a single O 2 molecule in a macroscopic room cannot be considered as "air." Krivoglaz [5] was the first to treat an ensemble of dislocations and used statistical physical methods to evaluate the effect on X-ray line profiles. The mean square strain of randomly distributed dislocations was obtained as [5] < ε g 2 > ≅ π ρχ
where ρ is the average dislocation density, D is the size of the scattering crystal, b is the Burgers vector, L is the Fourier variable, and χ is the orientation factor depending on the relative orientations between the Burgers and line vectors of the dislocation and the diffraction vector, respectively. Increasing the crystal size, D, at constant dislocation density, ρ, produces a logarithmic singularity in <ε g 2 >, in a similar manner as for the elastic stored energy of dislocations [54] [55] [56] [57] . Wilkens realized that the logarithmic singularity in the elastic stored energy and the mean square strain can be done by renormalizing the crystal size by the effective outer cut-off radius of dislocations, R e [55] . He also introduced the concept of "restrictedly random" dislocation distribution in which the dislocations are randomly distributed within a volume of R e , however beyond these volumes the strain fields of dislocations are completely screened off. Based on this concept, Eq. (4) was modified as [6, 58] < ε g 2 > ≅ π ρχ
The orientational anisotropy of the contrast effect of a dislocation is shown schematically in Figure 4 . The upside down "T"s indicate an edge dislocation seen by two different diffraction conditions in Figures 4(a) and 4(b) . Under the two different diffraction conditions the dislocation produces a strong or a weak contrast, as it is well known in electron microscopy, and causes large or small line broadening, respectively. In the following, in order to be consistent with the notations used in references [10] [11] [12] [13] [14] [15] , χ will be denoted by C and will be called contrast factor.
The fundamental equation of line profile analysis is [2]
where
are the physical, size, and strain Fourier coefficients of profiles, respectively. Inserting Eq. (5) into Eq. (6) provides the modified Warren-Averbach equation [15] ln
where C is the average contrast factor of dislocations and Β = πb 2 ÷ 2 and O stand for higher order terms in g 2 C . The average dislocation contrast factor is the average of the orientation factor, χ, averaged over either the permutations of hkl indices or all possible Burgers vectors, assuming that all slip systems are equally populated. Assuming that strain in Eq. (2), i.e. η, is η = ε g 2 >) 1/2 , the modified Williamson-Hall plot can be written as [10] 
where ∆K is either the FWHM or the integral breadth in reciprocal space units, ε is related to the coherently scattering domain size, and M is a constant depending on R e . O stands for higher order terms in g C 1/2 . It is noted that Eq. (8) can also be written in the quadratic form as shown in Eq. (14) in reference [13] . The modified Warren-Averbach or modified Williamson-Hall equations indicate that for plotting the strain Fourier coefficients, the physically appropriate variables are g 2 C or g C 1/2 , instead of g 2 or g, respectively. Figures 5 and 6 show the data in 
THE CONTRAST FACTORS OF DISLOCATIONS
In the dislocation model of strain anisotropy, the contrast factors play a crucial point. They can be calculated numerically on the basis of anisotropic elasticity theory of solids [59, 60] . In powder diffraction, the averaging over the permutations of the hkl indices is carried out automatically. In reference [13] , it was shown that the dislocation contrast factors are proportional to the mean square strain (see Eq. (6) in [13] ), and what follows is
where P 4 is a fourth order polynomial of the hkl indices. The average values of the contrast factors, C is obtained by averaging P 4 (h,k,l) over all possible permutations of the Miller indices. This means the average dislocation contrast factors are a linear function of the invariants of P 4 or the fourth order invariant of hkl indices [13] . In cubic and hexagonal crystals, C can be written as [13, 14, 61] : 2 , l, and a are the lattice constants of a hexagonal crystal, and q 1 and q 2 are parameters which can be evaluated numerically [14, 61] . A comprehensive summary of the numerical procedures with reference to freely available software is given in reference [62] . For orthorhombic crystals, the contrast factors were evaluated in reference [38] .
THE ROLE OF CONTRAST FACTORS IN WHOLE PROFILE OR WHOLE PATTERN FITTING PROCEDURES
The breadth methods, especially the Williamson-Hall and modified Williamson-Hall methods are excellent auxiliary procedures in order to obtain a qualitative picture about the physical nature of line broadening. Quantitative evaluations, however, with the aim of obtaining size distribution functions and numerical values for the dislocation densities and dislocation arrangement parameters and, if needed, planar defect densities, can only be done either by using the modified Warren-Averbach procedure [10, 11] , or by applying whole profile or whole pattern methods [15, 16, [63] [64] [65] . In the bottom-up whole profile or whole pattern methods, defect related profile functions are constructed on the basis of physical models. Based on the dislocation theorem of strain broadening, as described in paragraph 4 above, the best strain profile is constructed by using the Wilkens function, f(η), which was derived for profile functions of dislocated crystals [58] . With f(η) the mean square strain can be given in the entire L range from zero to infinity:
Cb f(η) (11) where η = L ÷ R e , and the averaging is extended over the Burgers vectors, especially when different slip systems with different Burgers vectors are conceivable, as e.g. in hexagonal crystals. The f(η) function is logarithmic for small η values, in correlation with Eq. (5), and is asymptotically hyperbolic for large η values [58] . With this concept, a uniform, dislocation based strain profile is [64, 65] FT
where FT stands for Fourier transform. This strain profile is uniform in the sense that it has the same profile shape for each hkl, and strain anisotropy, or the hkl dependent breadth of this strain profile, is scaled by the hkl dependent dislocation contrast factor, C .
WHEN THE CONCEPT OF "AVERAGE" CONTRAST FACTORS CANNOT BE APPLIED: INDIVIDUAL CONTRAST FACTORS
The dislocation contrast factors appear as "average contrast factors" when either all possible Burgers vectors are populated equally or randomly, or when averaging over the hkl permutations is legitimate. The latter applies, e.g. in a texture free polycrystal or a texture free powder specimen. In single crystals with the presence of only specific Burgers vectors [38] , or in textured polycrystals where not all possible Burgers vectors are populated [66] , individual contrast factors provide the appropriate scaling of the uniform strain profile. In practice this means that for each different Bragg reflection the strain profile is scaled by a different hkl dependent individual contrast factor, C individ . These individual contrast factors do not obey a linear function of the fourth invariant of hkl indices, i.e. they do not satisfy the type of equations as Eq. (10). In the whole profile fitting procedure, e.g. in the convolutional multiple whole profile (CMWP) procedure [64, 65] , the output of the evaluation are different hkl dependent contrast factors, C individ (hkl), for each different reflection. In the case of the MgSiO 3 perovskite [38] , a single grain with specific dislocations contributes to strain broadening. The WilliamsonHall plot is shown in Figure 2 (d). The extremely large strain anisotropy cannot be described by average dislocation contrast factors. Individual measured contrast factors, C m , determined for each measured reflection, were compared with calculated theoretical contrast factors, C th , determined for all conceivable dislocations. The search-match comparison of C m and C th values provided that the crystallites of the MgSiO 3 perovskite deform by activating the [100] type dislocations in the basal plane of the orthorhombic lattice [38] . It is noted here that when individual contrast factors are evaluated the same profile function can be used as described in Eq. (12) , however in such a case 
CONCLUSION
It has been shown that strain broadening is in a one-to-one correlation with dislocation type or linear nature lattice defects. These defect types produce spatially anisotropic strain. Strain anisotropy has been shown to be a consequence of spatially anisotropic strain of these defects, especially dislocations. The hkl dependence of strain broadening is summarized in the hkl dependent dislocation contrast factors, which are the scaling factors of the breadths of strain profiles. When averaging either over the hkl permutations or over the Burgers vector populations is legitimate, the average contrast factors can describe strain anisotropy in a relatively simple manner. When, however, averaging does not apply, especially in the case of single crystals or textured materials with the presence of specific dislocations, individual contrast factors can describe strain anisotropy.
